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ABSTRACT 

Ni3Al  alloys  exhibit  unique  deformation  characteristics  at  small  scales  that  are  tied  to  their 
unique  dislocation  core  structures.  The  present  work  examines  microcrystal  strengthening  and 
flow  for  a  binary  Ni3Al  alloy  and  two  alloys  containing  -0.25  %  Hf  and  -1.0  %  Ta,  and  evaluates 
their  response  relative  to  known  dislocation  mechanisms  for  this  material  and  sample  size  effects 
in  other  materials.  The  work  includes  analysis  of  the  flow-stress  anomaly  mechanisms,  disloca¬ 
tion  velocity,  the  single-arm  source  model,  exhaustion  strengthening  and  dislocation  multiplica¬ 
tion  for  describing  the  response  of  Ni3Al  alloy  microcrystals.  While  aspects  of  the  flow-stress 
anomaly  mechanisms  and  a  form  of  the  single-arm  source  model  work  remarkably  well  to  de¬ 
scribe  the  response,  other  limitations  exist  for  understanding  Ni3Al  behavior  from  current  data 
and  models.  A  primary  need  is  to  understand  the  nature  of  double  cross  slip  and  dislocation 
sources  that  trigger  the  onset  of  flow  and  limit  size-dependent  strengthening. 


1  Current  address:  S.  Polasik 

2  Current  address:  D.  Norfleet 
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INTRODUCTION  &  BACKGROUND 


A  remarkable  aspect  of  microcrystal  deformation,  at  sizes  greater  than  ~1  urn,  is  the  characteris¬ 
tics  of  the  stress-strain  curves  that  are  qualitatively  independent  of  material  type.  For  example, 
FCC  and  BCC  metals,  as  well  as  LiF  in  both  irradiated  (point  defect  laden)  and  pure  form,  ex¬ 
hibit  the  following  attributes:  i)  size-dependent  microstrain  stresses  as  the  sample  size  is  reduced, 
ii)  sample-size  dependent  flow  stresses  once  dislocations  multiply,  iii)  small  plastic  strain  bursts 
together  with  severe  size-dependent  hardening  over  a  finite  strain  range  (sometimes  several  per¬ 
cent  strain),  iv)  stochastic  variations  in  the  flow  stress  at  a  given  sample  size,  v)  intermittency  or 
plasticity  avalanches  during  flow  and,  vi)  size-dependent  strengths  and  avalanche  properties  that 
depend  upon  the  dislocation  density  of  the  material  [1],  These  features  manifest  themselves  even 
though  dislocation  properties  differ  across  these  materials. 

Both  simulations  and  experiments  suggests  that  microcrystals  smaller  than  ~1  pm  have  few  dis¬ 
locations  and  some  of  these  may  be  eliminated  under  load,  resulting  in  strengthening  by  “dislo¬ 
cation  starvation,”  much  like  the  findings  for  metal  crystals  in  the  form  of  whiskers  [2,  3]. 
Evidence  suggests  this  effect  diminishes  for  larger  microcrystals  when  compared  to  other 
mechanisms.  Selected  studies  show  that  an  excess  dislocation  density  may  form  during  mi¬ 
crocrystal  deformation,  particularly  when  using  a  testing  apparatus  that  constrains  lateral  motion 
of  the  loading  platen  and/or  for  samples  having  a  low  height- to-diameter  ratio  [41].  However, 
there  is  no  current  analysis  that  ties  the  attributes  of  microcrystal  behavior  to  the  fonnation  of  an 
excess  dislocation  density;  thus,  explanations  must  arise  elsewhere,  both  from  theory  and  simula¬ 
tions  [1,  4,  5]. 

Currently,  the  microcrystal  findings  are  self-consistently  explained  via  two  dominant  dislocation 
micromechanisms.  First,  dislocation  sources  are  on  average  shortened  by  the  restricted  sample 
size  as  dislocations  intersect  free  surfaces — the  ‘source  truncation’  effect  [3,  5-10].  Strengthen¬ 
ing  ensues  from  this  mechanism  even  at  the  proportional  limit  through  to  small  strains.  The  sec¬ 
ond  mechanism  was  introduced  by  Gil  Sevillano,  et.  ah,  through  analysis  of  dislocation  ensemble 
characteristics,  before  the  first  microcrystal  experiments  [11,  12].  The  mechanism  is  called  ‘ex- 
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haustion  hardening’  or  more  generally  ‘mean-field  breakdown.’  The  essential  ideas  stem  from 
considering  sample-size  effects  for  dislocation  percolation  through  a  point-obstacle  field,  as  per¬ 
tinent  to  forest  dislocation  strain  hardening.  These  investigators  showed  that  as  long  as  sample 
dimensions  exceed  the  correlation  length  for  the  forest  at  a  particular  dislocation  density  (ptotai), 
the  strain-hardening  rate  (SHR)  is  sample-size  independent.  However,  at  smaller  sizes,  the  dis¬ 
tribution  of  segment  lengths  is  truncated,  thereby  eliminating  available  sources  at  a  given  stress 
and  strengthening  ensues  while  the  SHR  diminishes.  The  mean- field  limit  for  forest  hardening 
cannot  yet  be  quantitatively  analyzed  using  3-dimensional  dislocation  simulations  since  comput¬ 
ers  cannot  yet  attain  the  necessary  simulation  cell  size,  dislocation  densities  or  appropriate  dislo¬ 
cation  interactions  and  multiplication  for  the  ensemble  [5,  13].  Nonetheless  simulations 
qualitatively  show  the  effect  in  conjunction  with  source-truncation  via  localized  dislocation  in¬ 
teractions  [3,  5,  14].  Importantly,  both  mechanisms  illustrate  the  importance  of ‘weakest  links’ 
of  the  dislocation  ensemble  for  controlling  flow  stress  in  both  micro-  and  macro-scale  crystals. 

The  NiaAl  alloys  are  unusual  because  formation,  motion  and  ‘locking’  of  screw-character  dislo¬ 
cations,  most  notably  from  room  temperature  to  ~600°C,  results  in  anomalous  strengthening  with 
temperature.  Superlattice  dislocations  (superdislocations)  having  extended  core  structures  show 
thermally-activated  changes  to  the  mobility  of  screw-character  components.  These  dislocations 
progressively  transform  via  cross  slip  from  a  planar  glissile  core  on  the  octahedral  {111}  glide 
planes,  to  one  that  is  non-planar  and  partially  spread  on  both  the  octahedral  plane  and  the  {010} 
cubic  plane  [15,  16],  This  leads  to  anisotropic  and  faceted  glide  loops  consisting  of  straight 
screw-character  segments  or  Kear-Wilsdorf  locks  (KWL)  joined  by  segments  of  the  remaining 
characters  as  macro  kinks  (MK)  [17-19].  Throughout  the  1980’s  and  mid  90’s  research  exam¬ 
ined  the  processes  of  KWL  formation  and  their  relationship  to  the  flow  stress  anomaly.  TEM 
analysis  showed  that  the  configurations  partially  separate  in  the  cubic  plane  (incomplete  KWL) 
or,  fully  extend  in  the  cubic  plane  at  the  equilibrium  separation  distance  for  the  superlattice  par¬ 
tial  dislocations  (complete  KWL)  [20-23].  Building  on  these  ideas,  later  work  sought  to  i)  rec¬ 
oncile  the  models  for  the  dislocation  behavior  with  physical  observations  of  dislocations 
structures  and  defonnation  responses,  ii)  advance  the  micro-mechanistic  observations  within 
quantitative  analytical  models,  iii)  study  the  dislocation  processes  through  computer  simulations 
and,  iv)  to  develop  constitutive  models  of  the  behavior  [24-34], 
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All  of  the  studies  point  to  the  critical  role  of  dislocation  locking  and  exhaustion  via  KWL  forma¬ 
tion  as  a  controlling  mechanism,  which  in  turn  depends  on  the  temperature-dependent  distribu¬ 
tion  of  mobile  MK  and  KWL  defeat.  However,  the  studies  do  not  sufficiently  treat  dislocation 
multiplication  as  an  important  companion  to  exhaustion  when  flow  extends  beyond  microstrains. 
Having  fonned  such  MK  and  KWL  configurations,  glide  must  proceed  via  lateral  motion  of 
MKs  and/or  stress-assisted  unlocking  of  KWL  configurations — processes  that  remain  in  detailed 
dispute  even  to  the  present  time.  These  unique  dislocation  attributes  lead  to  distinct  flow  attrib¬ 
utes  including  the  positive  temperature  dependence  of  the  flow  stress  and  SHR,  an  offset-strain 
dependence  of  these  quantities,  unusually  high  SHR  in  the  microstrain  regime,  orientation- 
dependent  tension-compression  (T-C)  asymmetry,  partially-to-fully  reversible  flow  behavior  dur¬ 
ing  successive  two-step  (T  i  and  T2)  deformation  sequences  and,  a  relatively  low  strain-rate  sensi¬ 
tivity  and  its  temperature  dependence  [33,  34]. 

Against  this  background  of  microcrystal  and  NfiAl  alloy  behavior,  the  present  study  examines 
NfiAl  alloys  in  the  form  of  microcrystals.  Importantly,  like  certain  other  materials  whose  me¬ 
chanical  behavior  has  been  evaluated  in  microcrystal  form,  nearly  all  aspects  of  the  dislocation 
behavior  are  well  studied  for  macroscopic  NfiAl  alloy  crystals,  fonning  a  foundation  for  inter¬ 
preting  the  testing  results.  The  present  studies  may  also  provide  insights  into  unresolved  aspects 
of  understanding  the  macro  scale  flow  stress  anomaly. 


MATERIALS  &  EXPERIMENTS 

Three  NfiAl  alloys  were  selected  for  the  present  work.  The  binary  material  is  a  baseline,  while 
alloys  with  0.25  %  Hf  and  1.0  %  Ta  additions  progressively  raise  both  the  antiphase  boundary 
(APB)  and  complex  stacking  fault  (CSF)  energies  [29,  35].  Table  I  shows  the  alloy  composi¬ 
tions  in  atomic  percent,  together  with  key  alloy  parameters  including  the  systematic  changes  to 
{111}  and  {001}  plane  APB  energies  and,  the  complex  stacking  fault  energies  (Tm,  r0oi  and 
rcsf,  respectively)  with  composition  and  a  reference  for  those  values.  The  alloys  were  prepared 
as  single  crystal  batches  for  prior  studies  of  the  bulk  NfiAl  crystal  behavior  reported  within  prior 
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literature  [36-38].  For  this  study,  following  annealing  the  -0.25  %  Hf  alloy  was  examined  using 
TEM  methods  and  was  found  to  contain  a  nominal  dislocation  density  of  5.2  x  101  Vm2  [39]. 

The  methods  of  the  microcompression  technique  are  described  in  several  publications  [40-42]. 
Isolated  single-crystal  columns  were  formed  in  relief  within  a  prepared  single  crystal  surface  us¬ 
ing  either  an  FEI  Strata  DB235  or  Nova  Nanolab  FIB-SEM.  The  surface  normal  of  the  prepared 
bulk  crystal  is  the  axial  orientation  of  the  columnar  single  crystal  specimens,  in  this  case  <123>. 
Multiple  crystals  were  prepared  at  each  of  the  selected  diameters  (0.5  -  43  pm)  for  each  alloy 
and,  SEM  images  were  used  to  measure  the  sample  dimensions  prior  to  testing.  The  crystals 
were  tested  at  room  temperature  using  a  nanoindentation  system  (MTS  Nanoinstruments  Nano 
XP,  and  Nano  II)  using  a  diamond  flat  punch  tip.  A  nominal  strain  rate  of  1  x  10"4/s  and  a  data 
acquisition  rate  of  5  Hz  were  used  for  a  majority  of  the  tests  while  a  sampling  frequency  of 
500  Hz  was  used  for  selected  tests.  Processing  and  analysis  of  the  testing  data  followed  previ¬ 
ously  described  procedures  [12,  41,  43]. 

To  compare  the  variations  of  flow  stress  among  alloys,  given  the  wide  statistical  scatter  among 
stress-strain  curves,  a  technique  was  devised  to  compute  average  stress-strain  curves  for  sets  of 
crystals  at  each  sample  size.  First,  the  stress-strain  curves  were  shifted  on  the  strain  scale  rela¬ 
tive  to  each  other  by  selecting  one  of  the  curves  as  a  reference  and  aligning  the  others  to  it  at  a 
selected  stress  level  in  the  loading  regime.  The  loading  reference  stress  was  chosen  at  a  5  - 
1 5  MPa  lower  value  than  that  required  to  operate  a  single-arm  dislocation  source,  estimated  for 
each  sample  size  using  the  model  introduced  by  Parthasarathy,  et.  ah,  scaled  for  NfiAl  parame¬ 
ters  [6].  The  selection  assumes  that  on  average,  microcrystal  strengthening  processes  prevent 
flow  for  stresses  lower  than  the  single-ann  source  stress.  Once  the  stress-stain  curves  were 
shifted,  the  recorded  stress  data  for  each  crystal  was  sorted  into  uniformly  spaced  strain  bins. 
Stresses  were  averaged  within  each  bin  to  determine  the  average  stress  as  a  function  of  strain. 
Using  the  Schmid  factor,  the  average  engineering-stress  versus  engineering-strain  data  were  con¬ 
verted  to  average  shear  stresses  and  approximate  shear  strains.  No  geometric  corrections  were 
used  for  detennining  shear  strains,  thus  significant  errors  exist  for  large  strain  values;  however, 
these  values  are  not  used  for  subsequent  analyses. 
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Following  defonnation  testing,  selected  crystals  were  examined  in  the  TEM  to  evaluate  the  dis¬ 
location  structures  associated  with  defonnation.  Samples  were  prepared  using  foils  sectioned 
parallel  to  both  the  loading  axis  and  the  primary  octahedral  slip  plane,  using  previously  described 
specimen  preparation  techniques  [39,  44]. 


RESULTS 

Stress-Strain  Behavior 

Figure  la  shows  the  binary  NfiAl  engineering  stress-strain  curves  for  <123>  oriented  microcrys¬ 
tals  of  the  present  study.  As  mentioned  previously  for  other  microcrystals,  the  NfiAl  alloys  ex¬ 
hibit:  i)  increasing  micro  stresses  as  the  sample  size  is  reduced,  ii)  sample-size  dependent  flow 
stresses  and  exhaustion  hardening,  iii)  small  plastic  strain  bursts  during  the  finite  exhaustion 
hardening  strain  range,  iv)  stochastic  variations  in  the  specific-sample  flow  stress  and,  v)  selec¬ 
tively,  intennittency  or  plasticity  avalanches  during  flow  for  nominally  continuous  loading. 
Variations  with  initial  dislocation  density  were  not  examined.  While  all  samples  exhibit  plastic¬ 
ity  avalanches,  one  may  recognize  that  the  nature  of  the  plasticity  bursts  changes  as  the  sample 
size  decreases.  For  samples  below  ~10  urn,  the  flow  curves  tend  to  exhibit  a  sharp  transition 
from  loading  to  breakaway  flow;  much  sharper  than  the  stair-step  like  flow  of  the  larger  binary 
NfiAl  samples.  This  feature — rapid  breakaway  shear  glide  to  large  strains  (sometimes  approach¬ 
ing  ~50  %  that  is  initiated  at  less  than  1  %  loading  strain)  is  more  pronounced  for  the  NfiAl  al¬ 
loys  than  for  other  materials.  In  addition,  for  the  largest  microcrystals  the  nominal  SHR  are 
several  times  greater  than  for  macroscopic  crystals  (Fig.  la).  The  measured  SHR  in  shear  for 
these  microcrystals  in  Stage  I  is  ~As/260,  where  Ks  is  the  anisotropic  shear  modulus,  while  the 
macroscopic  binary  NfiAl  crystals  exhibit  a  Stage  I  SHR  that  is  a  factor  ~3  lower,  while  FCC 
metals  in  Stage  I  are  ~3x  lower  still. 

A  comparison  of  the  set-average  shear  stress  versus  nominal  shear-strain  curves  for  selected 
crystal  sizes  of  each  alloy  are  shown  in  Fig.  lb.  The  comparisons  show  that  both  the  -0.25  Hf 
and  -1.0  Ta  containing  alloys  are  stronger  than  the  binary  material  at  the  smaller  samples  sizes. 


6 

Approved  for  public  release;  distribution  unlimited 


However,  the  figure  also  illustrates  that  the  strengthening  effect  from  reducing  the  sample  diame¬ 
ter  outweighs  the  strengthening  from  changing  the  alloy  composition  in  all  cases.  Finally  Fig.  2 
shows  the  normalized  average  1  %  offset  shear  flow  stresses  versus  microcrystal  diameter,  to¬ 
gether  with  comparisons  to  pure  Ni  from  other  studies  [12].  The  flow  stress  data  are  shown 
nonnalized  by  the  anisotropic  shear  modulus  and  Burgers  vector  ratio  since  the  strength  of  dislo¬ 
cation  sources  scales  by  these  quantities.  Also,  for  each  alloy  the  macroscopic  crystal  flow 
stress,  t0,  is  subtracted  so  that  the  strengthening  from  changes  in  sample  diameter  shows  clearly. 
Note  that  the  NfiAl  alloys  strengthen  to  a  greater  degree  as  a  function  of  their  size  than  similarly 
prepared  pure  Ni  microcrystals  that  are  representative  of  the  FCC  class  of  materials.  Further,  the 
influence  of  microcrystal  size  is  also  more  potent  (steeper  slope).  For  the  NfiAl  alloys,  the  figure 
indicates  that  the  flow  stress  tends  toward  a  saturation  value  for  samples  <  2  pm  diameter.  For 
comparison,  as  discussed  later,  the  plot  also  shows  the  stress  range  for  instability  of  incomplete 
KWL  and  complete  KWL  by  athermal  cross  slip  given  by  Caillard  and  Paidar  [22],  and  the  range 
of  stresses  necessary  for  the  superpartials  to  glide  as  separate  single  dislocations. 


Slip  Traces  and  Glide  Bands 

SEM  images  of  deformed  microcrystals  corresponding  to  some  of  the  stress-strain  curves  of 
Fig.  1  are  shown  in  Fig  3.  While  not  all  of  the  defonned  samples  can  be  shown,  notable  trends 
were  found  as  evident  in  the  images  shown.  First,  there  is  a  trend  that  larger  diameter  samples 
tend  to  exhibit  more  homogeneous  slip  bands,  while  smaller  samples  exhibit  more  isolated  slip 
traces.  Also,  the  -0.25  Hf  alloy  that  forms  KWL  at  room  temperature  to  a  greater  degree  than  the 
binary  material,  also  shows  the  homogeneous  banding  at  smaller  sample  sizes.  When  compared 
to  the  slip  traces  from  pure  Ni  microcrystals,  the  NfiAl  microcrystals  show  slip  bands  having  an 
extremely  uniform  slip  trace  distribution  within  the  bands  and,  a  tendency  toward  more  singular 
intense-strain  slip  traces  at  small  diameters.  Surprisingly  and  especially  for  the  -0.25  Hf  and  - 
1.0  Ta  alloys,  these  characteristics  have  little  relationship  to  the  characteristics  of  the  stress-strain 
curves.  That  is,  for  all  alloys  at  crystal  sizes  larger  than  ~2  pm,  the  samples  show  strengthening 
at  small  strains  followed  by  nearly  instantaneous  large  bursts  and  slip-band  thickening,  while  the 
small  crystals  show  similar  strengthening  and  large  strain  bursts  without  slip-band  thickening. 
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To  gain  further  insight  into  the  strengthening  and  deformation  mechanisms,  selected  samples  of 
the  binary  and  -0.25  Hf  alloy  were  loaded  to  stresses  below  the  breakaway  flow  stress,  unloaded 
and,  examined  via  SEM  and  TEM  imaging.  One  such  sample  is  shown  in  Fig.  4  together  with 
the  corresponding  stress-displacement  curve.  Fig.  4a  reveals  that  during  the  loading  stage  mi¬ 
crostrain  bursts  occur  over  the  period  of  exhaustion  hardening,  while  the  corresponding  Fig.  4b 
shows  that  slip  is  primarily  occurring  on  isolated  single  slip  traces  (to  the  degree  they  can  be  re¬ 
solved),  with  essentially  no  slip-band  thickening.  Note  that  the  image  of  Fig.  4b  has  been  digi¬ 
tally  enhanced  to  better  view  the  extremely  fine  slip  traces  on  the  surface.  Further,  the  glide 
events  appear  to  involve  dislocation  processes  that  sweep  the  entire  glide  plane.  Slip  traces  do 
not  appear  to  end  within  the  microcrystal,  particularly  for  smaller  sample  sizes.  Further,  while 
not  quantitatively  shown,  there  is  an  approximate  one-to-one  correspondence  between  the  offsets 
or  strain  bursts  on  the  stress  strain  curve  and  the  observed  slip  traces,  indicating  that  dislocations 
are  not  multiplying  in  large  numbers  while  the  crystals  strengthen  by  exhaustion. 

However,  once  a  sufficient  stress  is  attained  exhaustion  ceases  and  flow  proceeds  by  a  rapid 
strain  burst  and  glide-band  thickening.  To  estimate  the  minimum  number  of  dislocations  that 
multiply  and  leave  the  crystal  to  form  the  glide  band,  consider  the  5  qm  -0.25  Hf  microcrystal 
shown  in  Fig.  3c.  The  time  series  testing  data  indicates  that  forming  the  thick  slip  band  corre¬ 
sponds  to  a  platen  displacement,  AL,  of -1988  mn  that  was  achieved  in  -0.213  s,  corresponding 
to  an  average  platen  velocity  of  vp  =  -9.3  um/s.  From  geometry  one  may  deduce  that  a  shear 
displacement  in  the  slip  plane  of  -28 1 1  mn  is  required  for  such  platen  motion  and  a  displacement 
of  that  magnitude  corresponds  to  -5567  superdislocations  sweeping  the  full  slip-plane  area. 
Also  from  geometry,  for  such  a  5  qm  diameter  sample  a  unit  axial  displacement  corresponding  to 
a  single  dislocation  sweeping  the  glide  plane,  A  Lb,  in  time  tAL  implies  that  the  dislocation  travels 
a  distance  of  -2.16  x  104  times  A  Lb  during  that  same  time.  Thus,  a  corresponding  lower-bound 
dislocation  velocity,  v</,  may  be  estimated  as  -36  urn  /s.  A  similar  estimate  of  the  dislocation 
velocity  during  the  formation  of  a  slip  trace  that  involves  only  -4  dislocations  resulted  in  a  simi¬ 
lar  estimated  value  for  v(/. 
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Transmission  Electron  Microscopy 


Further  understanding  of  dislocation  mechanisms  was  achieved  by  selected  TEM  examinations 
of  deformed  microcrystals.  Figure  5a  shows  a  SEM  image  of  a  deformed  10  pm  Ni3Al-0.25Hf 
microcrystal,  together  with  a  schematic  overlay  of  how  the  crystal  was  sectioned  parallel  to  the 
loading  axis  for  TEM  examination.  Figure  5  b  shows  a  bright-field  scanning  transmission  elec¬ 
tron  microscopy  image  for  the  sectioned  microcrystal  revealing  a  high  dislocation  density  in  the 
glide  band.  While  the  base  of  the  sample  away  from  the  slip  zone  shows  relatively  few  disloca¬ 
tions  after  testing  (measured  density  of  <  1  x  1012/m2),  the  upper  portion  of  the  image  shows  a 
clear  concentration  of  stored  dislocations  occurring  within  the  wide  slip  band.  Within  the  band, 
the  dislocation  density  has  risen  to  >  1  x  1013/m2,  after  about  9  %  engineering  strain  indicating 
that  defonnation  proceeds  via  relatively  homogeneous  multiplication  and  storage  of  dislocations. 
However,  using  the  measured  dislocation  density  in  the  slip  band,  a  mean-field  Taylor-type 
strengthening  model  estimates  the  flow  stress  at  a  value  that  is  about  one-half  of  the  observed 
microcrystal  flow  stress. 

Selected  microcrystals  were  also  studied  using  TEM  foils  oriented  parallel  to  the  primary  slip 
plane  within  slip  traces  and  bands.  Images  from  two  such  cases  are  shown  in  Figs.  6  and  7.  For 
the  5  pm  diameter,  NfiAl  binary  alloy  sample  shown  in  Fig.  6,  a  single  slip  trace  is  shown  after 
deformation  was  stopped  in  the  loading  regime  after  only  0.9  %  strain.  The  entire  sample  slip- 
plane  cross  section  is  shown  in  the  bright-field  image  of  Fig.  6a.  Fig.  6b  shows  several  KWL 
loops  containing  MK  segments  emanating  from  a  surface  source  marked  “S”  on  the  image.  For 
this  sample,  the  dominant  dislocation  features  are  the  KWL  and  MK  that  are  common  to  the  flow 
stress  anomaly  regime,  even  though  the  deformation  was  carried  out  at  room  temperature.  Fur¬ 
ther,  for  macroscopic  crystals  of  this  alloy  the  room  temperature  defonnation  structure  consists 
of  non-screw  character  multi-pole  braids,  unlike  the  present  structure  [36,  45].  This  observation 
suggests  that  the  small  sample  dimensions  promote  screw-dislocation  locking  and/or,  the  mean 
glide  distance  for  non-screw  dislocations  (MK)  exceeds  the  sample  dimensions.  Weak-beam 
dark-field  imaging  of  the  same  features  (Fig.  6c)  better  reveals  the  parallel  glide  loops  in  this  slip 
trace.  Close  examination  of  the  image  indicates  that  fine  elongated  intrinsic  stacking  fault  (ISF) 
loops  exist  lying  parallel  to  KWL  segments.  Also,  the  image  of  Fig.  6d  formed  using  an  imaging 
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vector  that  places  the  superpartial  dislocations  out  of  contrast,  reveals  residual  APB  tubes  and 
ISF  loop  contrast.  Note  that  the  APB  tube  that  has  been  marked  extends  across  the  entire  span  of 
the  image  in  a  crystallographic  straight  fashion. 

Figure  7  shows  a  similar  slip-plane  section  for  a  5  pm  diameter  NfiAl-0.25Hf  alloy  microcrystal 
but,  this  time  the  TEM  foil  was  extracted  from  a  thick  glide  band  formed  while  the  sample  expe¬ 
rienced  a  large  15.7  %  engineering  strain  burst.  The  burst  took  place  under  a  constant  engineer¬ 
ing  stress  of  538  MPa  in  less  than  0.4  sec.  The  bright-field  image  of  Fig.  7a  shows  a  unique 
dislocation  structure  for  this  NfiAl  alloy  that  has  not  been  reported  by  any  of  the  prior  studies. 
For  modest  strains  and  defonnation  strain  rates,  this  alloy  commonly  exhibits  extensive  KWL 
dislocations  at  room  temperature  and  comparatively  few  multi-pole  braids  by  comparison  to  the 
binary  alloy  [37,  46].  However,  for  this  microcrystal  the  dislocation  structure  exhibits  a  dual  na¬ 
ture  consisting  of  both  extensive  KWL/ISF  loops  (dark  features  marked  “ISF”)  and  extensive 
multi-pole  braid  regions  that  on  Fig.  7a  show  as  several  dense  bands  (marked  “MPB”  on  the  im¬ 
age).  The  higher  magnification  weak-beam  dark-field  image  in  Fig.  7b  of  the  region  marked  by 
white  lines  in  Fig  7a  clearly  resolves  the  KWL/MK  as  well  as  the  multi-pole  braid  configura¬ 
tions. 


DISCUSSION 

The  results  of  this  study  leads  to  questions  pertaining  to  both  small-sized  crystal  effects  and,  the 
relationship  between  microcrystal  and  macroscopic  crystal  responses.  For  example,  how  are  the 
dislocation  mechanisms  for  NfiAl  macroscopic  crystals  relevant  to  microcrystal  response?  Does 
the  microcrystal  response  lend  further  insights  into  the  micromechanisms  operating  in  bulk 
NfiAl?  Why  do  the  NfiAl  alloys  exhibit  a  greater  relative  strengthening  as  a  function  of  mi¬ 
crocrystal  diameter  when  compared  to  other  materials?  Why  do  microcrystals  of  a  wide  variety 
of  materials  show  so  many  common  attributes,  irrespective  of  their  crystal  structure  and,  why  do 
the  NfiAl  alloys  show  the  same  consistent  features  even  though  the  fundamental  dislocation 
mechanisms  (namely  KWL  and  MK  fonnation)  are  unlike  any  of  the  materials  examined  in  prior 
studies?  Our  discussion  proceeds  from  these  queries. 
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Key  Observations 


Macroscopic  NLA1  Dislocation  Mechanisms 

To  begin,  consider  the  following  facts,  primarily  from  macroscopic  crystals  of  the  same  NfiAl- 
binary  and  Ni3Al-0.25Hf  alloys  examined  here.  From  prior  studies,  especially  from  Shi,  et.  al. 
[37],  reports  show: 

1.  Both  the  binary  and  Ni3Al-0.25Hf  alloy  exhibit  screw-character  KWL  dislocation  con¬ 
figurations  after  room-temperature  deformation;  however,  they  are  relatively  infrequent  for 
the  binary  materials  and  are  more  prevalent  for  the  Ni3Al-0.25Hf  and  N13AI- 1  .OTa  alloys. 
This  result  and  the  stress-strain  data  indicate  that  the  Hf-  and  Ta-containing  alloys  are  in  the 
anomalous-behavior  deformation  regime  at  room  temperature  [36-38].  The  higher  fault  en¬ 
ergies  for  these  alloys  (Table  I),  especially  those  for  rcsf,  lead  to  this  behavior. 

2.  Studies  of  NfiAl  alloys  show  evidence  that  mixed-  and  near-edge-character  dislocations 
contain  jogs  that  locally  provide  weak  pinning  points  on  the  dislocation  segments  [37,  47, 
48].  Further,  since  the  non-screw  character  dislocations  (MK)  do  not  show  significant  local 
cusps  and  since  the  macroscopic  strain-rate  sensitivity  of  the  material  is  low,  the  jogs  are 
primarily  glissile.  This  observation  also  suggests  that  double  cross  slip  occurs  over  dimen¬ 
sions  comparable  to  the  KWL  heights  out  of  the  glide  plane  [48]. 

3.  For  Ni3Al-0.25Hf,  the  spacing  of  screw  dislocations  normal  to  their  line  direction  is  large 
by  comparison  to  MK  or  KWL  structures,  being  a  few  microns  at  its  maximum.  This  feature 
is  true  when  considering  both  the  TEM  images  of  projected  segments  and  for  tilting  experi¬ 
ments  that  lend  insight  into  the  3-dimensional  nature  of  the  structures.  Also,  the  deformation 
microstructures  contain  many  dipole  loops  that  are  aligned  with  the  ends  of  screw  segments 
and  extend  obliquely  to  the  screw  lines.  The  results  suggests  that  the  glide  distances  for 
screw-charter  dislocations  are  on  the  order  of  the  observed  spacing  and,  that  cross  slip  anni- 
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hilation  of  dislocations  is  prevalent  [46,  48]. 


4.  For  the  cases  where  the  heights  of  the  MK  that  join  the  KWL  segments  were  measured, 
they  were  shown  to  form  a  distribution  at  small  sizes  (peaked  at  <  -10.0  nm)  [22,  37,  49]. 
While  MK  likely  propagate  slip  along  the  KWL  segments  contributing  strain,  both  their  di¬ 
mensions  and  numbers  are  small  relative  the  mobile  dislocation  density  required  to  propagate 
slip  to  large  strains — that  is,  multiplication  and  annihilation  mechanisms  are  required  to  re¬ 
sult  in  the  observed  structures.  Thus,  sources  and/or  the  accumulation  of  MK  are  needed,  to¬ 
gether  with  long  glide  distances  parallel  to  the  KWL  for  significant  strain  to  accumulate  by 
MK  motion  alone.  Taken  together  with  evidence  in  #  2  and  #  3,  these  point  toward  a  3- 
dimensional,  yet  primarily  planar  slip  with  double  cross  slip  over  short  distances  in  the  cubic 
plane  [46]. 

5.  Slip  traces  are  known  to  be  planar,  finely  spaced,  extending  over  distances  of  several  mi¬ 
crometers  at  low  temperature  and,  exhibit  heights  of  only  a  few  Burgers  vector  magnitudes, 
as  revealed  by  both  in  situ  and  post  mortem  atomic  force  microscopy  observations  of  the  sur¬ 
faces  of  defonned  macroscopic  crystals  [50,  51]. 

6.  Shi,  et.  ah,  report  that  APB  tubes  form  in  numbers  comparable  to  the  occurrences  of  KWL 
segments,  being  dragged  out  from  near- edge  character  dislocations.  The  tubes  have  perfect 
straight-line  lengths,  even  more  adherent  to  the  <1 10>-type  screw  dislocation  directions  than 
the  KWL  themselves  (because  of  MK).  Importantly,  the  tubes  extend  continuously  over  dis¬ 
tances  of  many  micrometers  (>  5  pm),  whose  upper  bound  is  limited  by  the  dimensions  of 
the  TEM  foils  [23,  37,  52], 

7.  Shi,  et.  al.,  also  report  that  the  lengths  of  the  KWL  segments  connected  by  MK  are  shorter 
than  those  of  the  APB  tubes,  by  an  order  of  magnitude  or  more.  The  lengths  of  the  KWL 
segments  only  rarely  approach  1  pm  [24,  37]. 

8.  The  stress-velocity  relationship  as  a  function  of  temperature  for  individual  dislocations, 
exhibits  the  characteristics  of  the  flow  stress  anomaly  [53,  54],  Both  the  effective  stress 
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needed  for  motion  and  the  stress  sensitivity  of  the  dislocation  velocity,  increase  with  increas¬ 
ing  temperature. 

The  features  are  schematically  depicted  in  Fig.  8  to  give  a  sense  of  them  in  the  context  of  N13AI 
microcrystals.  Figure  8a  shows  a  slip  plane  in  a  microcrystal  together  with  a  dislocation  loop 
drawn  to  approximately  the  relevant  scale  and  orientation  of  the  microcrystal  experiments.  A 
larger  view  of  the  same  dislocation  loop  is  shown  in  Fig.  8b  having  the  key  features  identified. 
Collectively,  these  features  are  evidence  to  suggest  that  the  ‘mean-free-path’  or  average  glide 
distance  for  non-screw  character  dislocations  is  larger  than  the  specimen  diameter  or  slip-plane 
dimension  for  many  of  our  microcrystals.  The  same  is  likely  true  in  the  direction  normal  to  the 
screw  direction  for  the  smaller  crystals  of  the  present  study.  The  consequences  of  this  are  re¬ 
flected  in  the  key  attributes  of  the  deformed  microcrystals  described  next. 


Deformation  Features  of  Microcrystal  NfiAl 

Next,  we  consider  and  compare  the  following  key  observations  from  the  present  microcrystal 
deformation  studies. 

1.  Strengthening  versus  sample  diameter  is  more  potent  for  NfiAl  alloys  than  for  FCC  met¬ 
als  (Ni),  even  after  shear  stresses  are  normalized  by  the  material  shear  modulus  and  Burgers 
vector  magnitude  (Fig.  2). 

2.  Microcrystals  of  all  sizes  below  ~20  pm  achieve  their  maximum  strengthening  during  a 
microstrain  loading  interval  that  typically  ends  after  ~0.5  %  engineering  strain.  For  these 
crystals  the  loading  interval  is  followed  by  a  relatively  catastrophic  flow  burst. 

3.  For  the  -0.25  Hf  and  -1  Ta  containing  alloys,  crystals  of  all  sizes  show  breakaway  flow 
bursts  after  the  initial  exhaustion  interval.  For  the  binary  alloy,  samples  having  diameters 
larger  than  -10  pm  sometimes  show  rapid  flow  bursts,  and  at  other  times  exhibit  the  stair- 
stepped  like  avalanche  behavior  that  is  common  to  microcrystals  of  other  materials  (Fig.  la). 
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4.  Loading  proceeds  via  exhaustion  of  mobile  dislocations,  as  indicated  by  microstrain 
bursts,  an  exceptionally  high  hardening  rate  at  small  strains  and,  TEM  observations  of  slip 
traces  such  as  shown  in  Fig.  6.  During  this  loading  interval,  the  samples  form  isolated  nar¬ 
row  slip  traces  that  are  well  separated  from  each  other  even  for  large  diameter  crystals 
(Fig.  4). 

5.  TEM  examination  of  a  5  pm  diameter  binary  alloy  sample  shows  that  during  room- 
temperature  loading,  dislocations  form  the  KWL  and  ISF  loop  structures  while  leaving  resid¬ 
ual  APB  tubes  (Fig.  6). 

6.  The  large  strain  bursts  that  characterize  flow,  proceed  over  short  time  intervals  (~0.2  s) 
during  which  the  strain  rate  increases  from  a  nominal  rate  of  10"4/s  to  average  values  in  the 
range  from  1  -  10/s;  that  is,  a  change  in  the  effective  strain  rate  of  104  to  105/s  (not  shown). 

7.  For  sample  diameters  less  than  -2  pm,  slip  traces  often  do  not  thicken  during  the  large 
strain  flow  bursts.  For  larger  samples,  flow  leads  to  slip  trace  thickening  into  uniform  glide 
bands  having  a  homogeneous  distribution  of  slip. 

8.  At  sample  diameters  greater  than  -2  pm,  the  dislocation  structure  fonned  during  rapid 
glide-band  thickening  contains  both  KWL/MK/ISF  and  multi-pole  braid  dislocations,  both  at 
a  high  stored  density. 

9.  The  estimated  lower  bound  of  the  dislocation  velocity  during  these  flow  bursts  is  on  the 
same  order  as  that  measured  for  isolated  dislocations  in  macroscopic  crystals,  but  at  higher 
apparent  applied  stresses. 

Comparing  the  two  sets  of  observations  generally  suggests  that  while  the  individual  dislocation 
mechanisms  of  NfiAl  alloys  are  preserved  for  deformation  of  microcrystals,  the  mean-field 
mechanisms  of  dislocation  multiplication,  glide  and  locking  that  set  the  levels  of  stress  are  se¬ 
verely  disrupted.  The  small  crystal  dimensions  do  not  pennit  the  same  dislocation  multiplication 


14 

Approved  for  public  release;  distribution  unlimited 


rates  at  the  same  stresses  as  for  macroscopic  crystals.  Consequently,  stress  is  the  primary  free 
variable  that  adjusts  to  higher  levels  to  activate  processes  necessary  for  sustaining  flow  at  the 
prescribed  rate.  Further,  the  primary  mechanism  of  dislocation  multiplication  for  FCC  materials 
(and  perhaps  for  their  derivatives  such  as  NTA1)  is  double  cross  slip.  Thus,  for  NfiAl  microcrys¬ 
tals,  it  is  important  to  understand  not  only  the  relationship  between  cross-slip  and  locking  of 
screw  dislocations,  but  also  unlocking  and  double-cross-slip  multiplication. 


Size  Effect  Strengthening 

Figures  1  and  2  show  that  the  specimen-size  dependent  strengthening  of  N13AI  alloy  microcrys¬ 
tals  is  qualitatively  consistent  with  prior  microcrystal  studies  indicating  that  strengthening  occurs 
by  exhaustion  of  the  mobile  dislocation  density  during  the  first  few  percent  of  plastic  strain  be¬ 
cause  dislocations  cannot  readily  multiply.  However,  for  NfiAl  alloys,  the  exhaustion  processes 
are  more  potent  since  the  pre-plastic  flow  strains  are  typically  less  than  ~0.5  %,  versus  up  to  ten 
times  that  level  for  FCC  Ni  microcrystals.  While  not  shown  here,  comparisons  to  literature  data 
indicate  that  the  strengthening  by  size-related  micromechanisms  is  even  greater  than  the  strength 
rise  over  the  regime  for  the  flow-stress  anomaly  to  its  peak  strengthening  [33].  Further  insights 
are  obtained  from  the  results  of  interrupted  microcrystal  deformation  tests  as  shown  in  Figs.  4 
and  6.  The  strengthening  occurs  after  plastic  processes  have  started  but  prior  to  the  necessary 
conditions  for  dislocation  multiplication.  The  single-trace  slip  events  shown  in  the  figures  indi¬ 
cate  glide  of  mixed  segments  or  MK,  together  with  glide  of  screw-character  dislocations  by  some 
means  (full  loops),  such  that  full  slip  planes  are  swept  during  loading.  These  slip  events  at  van¬ 
ishingly  small  thicknesses  suggest  the  action  of  single  slip  plane  sources  that  propagate  to  ex¬ 
haustion  with  no  significant  multiplication. 

Just  as  for  FCC  metals  and  other  materials,  such  high  strengths  can  only  be  achieved  by  exhaust¬ 
ing  the  supply  of  mobile  dislocations  at  a  given  stress.  For  NfiAl  microcrystals  there  are  several 
ways  to  exhaust  the  mobile  dislocation  density  that  are  accentuated  by  the  reduced  sample  size. 
For  example,  the  anisotropic  elastic  interaction  between  the  superlattice  partial  dislocations  and 
the  APB  energy  anisotropy  continue  to  provide  ample  driving  force  for  cross-slip  locking  of  dis- 
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locations  in  microcrystals.  However,  both  the  small  crystal  dimensions  and  the  presence  of  free 
surface  may  accentuate  this  exhaustion  process.  The  finite  crystal  size  limits  flow  processes  to 
length  scales  below  the  mean-free-path  for  multiplication  (MK  leave  the  crystal  before  multiply¬ 
ing).  Further,  free  surfaces  are  known  to  promote  cross-slip  [55],  which  for  N13AI  alloys  may 
bias  the  screw-character  dislocations  toward  a  higher  fraction  of  complete  KWL  segments  per 
unit  time,  effectively  substituting  for  temperature  in  promoting  the  locking  process.  Since  the 
single-ann  dislocation  source  model  has  been  so  effective  in  describing  the  behavior  of  FCC  mi¬ 
crocrystals,  a  similar  (though  phenomenological)  model  is  considered  here  for  these  surface- 
enhanced  exhaustion  processes. 


Surface  Cross  Slip  and  Single -Arm  Dislocation  Sources 

As  discussed  in  the  Introduction,  one  mechanism  previously  shown  for  strengthening  of  FCC 
microcrystals  is  dislocation  source  truncation  to  fonn  single-ann  dislocation  sources.  Such  a 
model  may  be  justified  for  NfiAl  microcrystals  based  on  the  expected  enhanced  dislocation  ex¬ 
haustion  mechanisms  and  the  observations  of  localized  strain  accumulation  on  isolated  slip  traces 
for  the  smallest  microcrystals  (see  Fig.  3a  and  b).  When  dislocation  segments  meet  the  free  sur¬ 
face,  surface  cross  slip  may  immediately  lead  to  KWL  formation  (complete  or  incomplete).  We 
consider  a  model  that  is  based  on  glide  proceeding  via  MK  sources  that  intersect  free  surfaces 
but,  also  encounter  some  obstacle  that  pins  one  end  within  the  crystal,  such  as  the  low  mobility 
cubic  plane  jog  segment  that  connects  complete  KWL  and  MK  segments.  The  model  follows 
from  the  one  by  Demura,  et.  al.,  for  macroscopic  NfiAl  crystals  [56].  Thus,  we  assume  that  for 
microcrystals  the  rate  of  KWL  fonnation  is  enhanced  and  becomes  a  function  of  the  sample  size. 
Since  locking  is  enhanced  by  surface  cross  slip  the  MK  height  distribution  shifts  to  smaller  val¬ 
ues  for  smaller  crystals.  For  these  conditions,  the  yield  stress  is  given  by  the  stress  to  operate  a 
source  based  on  its  length,  which  in  this  case  is  the  MK  height,  lc,  giving  the  shear  stress  as 

x  =  Ksb/lc  (1) 

Following  Demura,  et.  al.,  the  MK  height  is  given  by  the  free-flight  velocity  of  dislocations  or 
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lc  =  v/f  where / is  a  cross  slip  frequency  [56].  The  velocity  of  the  screw  dislocations  becomes 
(r  -  Ti)b  / B  where  B  is  a  drag  coefficient  and  r,  is  an  internal  stress,  in  this  case  written  as 

Ti  =  Ksb  /  (3R  +  0. 35Ks(ptotal)1/2  +  tss  (2) 

In  Eqn.  (2),  flR  represents  the  average  length  of  a  single-arm  source  [6]  expressed  as  a  fraction  of 
the  sample  radius  R,  ptotai  is  the  dislocation  density  and  rss  is  a  solid-solution  hardening  stress. 
The  second  term  in  Eqn.  (2)  represents  a  forest  hardening  contribution.  Solving  for  the  mi¬ 
crocrystal  flow  stress,  one  obtains 


T=[ri  +  (t f  +  4KsBf)in]  /  2  (3) 

Again  following  Demura,  et.  al.,  the  frequency  of  cross  slip  on  a  source  of  length  /3R  becomes 

f=fom  -  6)  +  CS]  /  (5R  (4) 

where  f0  is  the  macroscopic  crystal  cross-slip  frequency,  C  is  a  surface  cross  slip  amplification 
factor  given  as 


C  =  exp[-(AHs  -  AHb )  / kT\  (5) 

Where  AHS  and  AHb  are  the  activation  energies  for  cross  slip  at  surfaces  and  in  the  bulk,  respec¬ 
tively  and  kT  has  its  usual  meaning.  In  Eqn.  (4),  d  is  a  measure  of  the  ‘surface  region’,  that  leads 
to  the  only  free  parameter  in  the  model  as  the  product,  CS,  that  represents  the  potency  of  surface 
cross  slip. 

Figure  9  shows  the  result  of  this  surface  cross  slip  model  for  parameters  taken  to  describe  binary 
NfiAl  alloy  as  shown  in  the  figure  caption.  While  the  explicit  details  and  mechanisms  of  the 
model  cannot  be  shown  or  isolated  in  experiments,  the  figure  suggests  that  such  a  model  does 
represent  the  0.2  %  stress  that  is  experimentally  observed  before  breakaway  flow.  This  suggests 
the  role  of  surfaces  on  enhancing  exhaustion  is  a  possible  mechanism  for  the  rise  in  flow  stress 
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over  the  loading  regime,  though  the  mechanism  for  forming  dislocations  needs  further  elucida¬ 
tion.  Unfortunately,  the  pathway  from  a  model  for  strengthening  at  small  strains,  to  a  mecha¬ 
nism-based  model  for  the  breakaway  flow  is  less  clear. 


Strength  Saturation,  Dislocation  Multiplication  &  Breakaway  Flow 

By  comparison  to  the  macroscopic  crystal  case,  what  is  missing  for  N13AI  microcrystals  is  a 
ready  supply  of  dislocation  sources  to  offset  the  enhanced  locking  and  exhaustion  processes. 
Yet,  once  some  critical  stress  is  achieved  for  the  given  microcrystal  size,  such  a  source  is  trig¬ 
gered  and  profuse  dislocation  multiplication  and  flow  proceeds  that  generates  many  thousands  of 
mobile  segments  while  forming  uniform  thick  glide  bands  in  the  larger  crystals  (Fig.  3d  and  3f). 
Many  of  the  microcrystals,  especially  the  larger  ones  and  the  ones  in  alloys  containing  -0.25  Hf 
and  -1.0  Ta,  show  fine  homogeneous  slip  bands  (Fig.  3f).  For  these  the  slip  trace  spacing  is  so 
small  and  fine  that  the  crystals  appear  as  though  they  were  kinked,  not  deformed  by  glide,  yet  the 
TEM  images  of  Figs.  5-7  indicate  dislocation  flow.  Clearly,  a  critical  stress  for  dislocation  mul¬ 
tiplication  sets  a  limit  on  the  strengthening  obtained  for  a  given  crystal  and  distinguishes  the  pre- 
plastic  loading  and  exhaustion  processes  from  flow. 

For  macroscopic  crystals,  current  understanding  indicates  that  athennal  double  cross-slip  unlock¬ 
ing  of  incomplete  KWL  provides  a  ready  source  of  MK  segments  necessary  to  propagate  flow. 
However,  for  microcrystals  that  strengthen  to  levels  that  exceed  the  Caillard-Paidar  stress  for  in¬ 
complete  KWL  stability  (Fig.  2),  the  supply  of  dislocations  is  more  limited  at  a  given  stress.  As 
mentioned  previously,  the  strengthening  effect  shown  in  Fig  2  shows  a  tendency  for  saturation  at 
sample  sizes  below  ~2  urn  for  stresses  at  the  upper  limit  of  complete  KWL  stability.  Thus,  to 
explain  the  critical  stress  and  occurrence  of  breakaway  flow,  it  is  useful  to  examine  the  disloca¬ 
tion  mechanisms  described  by  Caillard  and  Paidar  and  their  model  for  the  flow  stress  anomaly 
based  on  exhaustion  processes.  They  proposed  that  glide  proceeds  through  athennal  cross-slip 
unlocking  of  KWL  [22,  23,  33].  In  this  model  the  occurrence  of  the  peak  temperature  for  strain 
hardening  by  the  flow  anomaly  mechanisms,  Tp(9max),  is  related  to  the  onset  of  athennal  unlock¬ 
ing  of  incomplete  KWL.  The  threshold  stress,  r„  for  this  unlocking  was  derived  as 
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»  0.26 


(6) 


2  r100 1  +  2/A 

rm  V3 


where  Tm  and  Tioo  are  APB  energies  in  the  octahedral  and  cubic  planes,  respectively,  and  A  is 
the  elastic  anisotropy  factor  (2CaaI{C\\-Ci2),  where  Cy  are  the  elastic  constants).  From  the  values 
of  the  fault  energies  given  in  Table  I  together  with  Eqn.  (6),  one  may  estimate  the  threshold 
stress  for  the  beginning  of  incomplete  KWL  breakdown.  That  stress  for  binary  Ni3Al  alloy  is 
indicated  by  the  lower  bound  (red  solid  line)  of  the  horizontal  shaded  region  on  Fig.  2. 

Further,  should  the  KWL  be  fully  extended  on  the  cubic  planes,  the  model  derived  an  upper 
bound,  above  which  complete  KWL  are  athermally  unstable  given  as 


T,  =  ■ 


r  1 

l—  100 


Tin  V3 


0.54  ^ 


(7) 


and  that  stress  value  is  indicated  by  the  upper  bound  (cyan  solid  line  for  the  -1.0  Ta  alloy)  of  the 
shaded  region  on  Fig.  2.  However,  that  the  experimental  microcrystals  appear  to  show  strength¬ 
ening  saturation  at  stresses  that  he  above  even  this  line  for  the  upper  and  lower  bound  of  the 
model  (Fig  2).  To  explain  this  we  suspect  that  dislocation-dislocation  interactions  could  lead  to 
local  stresses  that  are  in  the  range  given  by  Eqns.  (6)  and  (7),  even  though  the  applied  stresses 
are  much  lower,  leading  to  double  cross  slip  and  screw-character  dislocation  propagation  for 
larger  microcrystals  that  never  attain  applied  stresses  that  exceed  the  Caillard-Paidar  model 
lower  bound.  For  this  to  occur,  ‘pile-ups’  of  screw-character  dislocations  must  occur  on  the 
glide  planes  (or  closely  spaced  glide  planes).  Such  effects  may  govern  the  breakaway  strain  in¬ 
tervals  in  the  larger  microcrystals  after  a  period  of  exhaustion  hardening. 


Consequently,  the  picture  that  emerges  for  the  size-affected  behavior  of  microcrystals  is  as  fol¬ 
lows.  For  larger  crystals,  sources  operate  and  exhaust  by  KWL  formation,  MK  propagation  and 
depletion  at  free  surfaces  and,  by  the  single-arm  source  processes  expected  for  Ni3Al  alloys.  As 
stresses  rise  during  exhaustion,  the  interactions  between  stored  KWL  segments  amplify  the  ap¬ 
plied  stress  locally,  eventually  leading  to  athennal  breakdown  of  the  locks  leading  to  double 
cross  slip,  rapid  dislocation  multiplication,  dissipation  of  the  local  interaction  stress  and  large 
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strain  events.  Provided  the  crystals  are  large  enough  for  interaction  stresses  to  build  and  release 
in  repeated  avalanche  cycles  over  some  strain  range,  the  process  leads  to  the  stair-stepped  flow 
curves  as  shown  in  Fig.  la.  Such  a  conceptual  process  is  schematically  depicted  by  the  disloca¬ 
tion  configuration  in  Fig.  10. 

Examination  for  Fig.  10  indicates  that  an  additional  limiting  mechanism  needs  consideration  at 
the  limit  of  KWL  stability.  Since  the  heights  of  KWL  segments  range  from  ~0.5  to  6  mn,  once 
double  cross  slip  sources  are  formed  expanding  loop  segments  will  experience  strong  dipole 
(multi-pole)  interactions  at  the  screw-character  positions  (see  “dp-“  and  “dp+”  points  on  Fig.  10). 
For  these  segments  to  persist  as  sources,  the  local  stresses  must  permit  passing  of  the  interacting 
dipole  segments  at  critical  heights  that  are  in  the  range  of  the  KWL  partial  dislocation  separation 
distances.  The  critical  dipole  height,  hc,  that  can  be  passed  as  a  function  of  stress  has  been  esti¬ 
mated  from  elasticity  theory  and  is  shown  on  Fig.  11,  together  with  estimates  of  the  critical  MK 
segment  heights,  4,  that  can  be  activated  at  a  given  stress.  The  stress  range  for  incomplete  KWL 
and  complete  KWL  stability  (as  shown  on  Fig.  2)  and,  the  typical  stress  range  for  20  pm  diame¬ 
ter  NfiAl  alloy  microcrystal  flow  stress  are  also  shown.  As  Fig.  1 1  shows,  estimates  for  the 
screw-dipole  passing  stress  for  dipoles  having  the  complete  KWL  height  are  much  larger  than 
the  applied  stresses  for  larger  microcrystal  sizes.  Thus,  for  the  superdislocation  double  cross  slip 
dipole-crossing  concept  to  hold,  dislocation  interactions  that  enhance  the  local  stress  appear  to  be 
needed,  such  as  the  interactions  that  would  form  between  points  A,  B  and  C  in  Fig.  10. 

As  crystal  sizes  diminish,  interaction  stresses  are  more  difficult  to  achieve  and  the  applied  stress 
must  substitute  to  achieve  the  dipole -passing  stress.  For  these  conditions,  stresses  rise  into  the 
saturation  regime  where  the  applied  stress  leads  to  complete  KWL  and  glide  proceeds  in  a  man¬ 
ner  that  is  analogous  to  the  behavior  of  FCC  metals,  provided  that  surface  cross  slip  and  disloca¬ 
tion  interactions  do  not  overwhelm  even  these  processes.  Such  conditions  occurring  during 
breakaway  flow  are  primarily  responsible  for  the  dual  nature  of  the  observed  dislocation  sub¬ 
structure  and  the  transition  from  thick  glide  bands  to  intense  shear  slip  traces  at  small  sample  di¬ 
mensions. 

Linally,  for  the  smallest  crystals  where  exhaustion  processes  are  at  a  maximum,  it  is  possible  that 
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the  superdislocations  themselves  are  unstable  and  break  away  flow  proceeds  by  uncoupled  super¬ 
lattice  partial  dislocations  behaving  as  single-ann  sources  (see  shaded  region  between  dashed 
lines  in  Fig.  2).  The  result  is  extremely  planar  shear  and  glide  bands  that  do  not  thicken 
(Fig.  3a  -  b). 

For  comparison  purposes,  Fig.  12  shows  the  measured  individual  dislocation  velocities  as  a  func¬ 
tion  of  effective  stress  at  varying  temperatures  for  macroscopic  binary  M3AI  alloy  single  crystals 
[53,  54].  That  prior  work  demonstrated  that  the  key  attributes  for  the  flow  stress  anomaly  are 
exhibited  by  the  individual  dislocation  behavior  since  the  velocity  versus  stress  curves  show  both 
an  increasing  slope  and  a  shift  to  higher  stresses  with  increasing  temperature.  Since  the  data  for 
8 1  K  and  295  K  intersect  at  a  stress  that  corresponds  very  nearly  to  the  macroscopic  crystal  flow 
stress  at  295  K,  the  data  imply  that  for  the  binary  alloy,  dislocation  locking  begins  at  or  above 
room  temperature.  Further,  the  measured  dislocation  velocity  at  this  cross-over  stress  is 
-5  um/s,  that  is  of  the  same  order  as  the  dislocation  velocity  estimated  for  the  5  urn  microcrystal 
during  glide  band  thickening  at  room  temperature.  Note  however  that  the  macroscopic  crystal 
stress  leading  to  this  velocity  does  not  correspond  since  the  microcrystal  glide  band  forms  at  a 
much  higher  applied  stress.  The  result  implies  that  the  estimated  values  for  vj  in  microcrystals 
given  previously  are  likely  underestimated.  These  values  of  Vd  can  only  be  lower  bounds  since 
the  dislocations  essentially  have  no  inertia,  while  the  platen  of  the  testing  device  is  surely  influ¬ 
enced  by  inertia,  but  unfortunately  in  an  unknown  way. 


Capsule  Remarks 

Returning  the  questions  from  which  the  discussion  opened,  the  following  insights  are  offered. 
The  descriptions  indicate  that  not  only  are  the  dislocation  models  for  bulk  M3AI  relevant  to  mi¬ 
crocrystals,  but  also  new  insights  into  the  importance  of  KWL  stability  and  motion  are  shown 
from  the  microcrystal  behavior.  The  microcrystals  exhibit  the  same  dislocation  mechanisms  as 
those  for  macroscopic  crystals  but,  the  truncated  glide  lengths  associated  with  the  mean-field  dis¬ 
location  dynamics  forces  the  stress  to  increase  to  re-scale  the  processes  to  the  finite  glide  dis¬ 
tances  available.  The  same  types  of  effects  occur  for  other  materials  where  the  finite  sizes  limit 
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the  free-segment  lengths  of  the  mean-field  forest,  thus  leading  to  size-affected  strengthening  or 
“mean-field  breakdown.”  Thus,  many  materials  exhibit  a  ‘size  effect’  regime  where  the  length 
scales  of  the  dislocation  processes  are  similar  and  lead  to  similar  strengthening.  Finally,  the 
NfiAl  alloys  exhibit  a  greater  strengthening  as  a  function  of  microcrystal  diameter  when  com¬ 
pared  to  other  materials  for  at  least  three  reasons.  First,  the  super-dislocations  have  higher  ener¬ 
gies  than  ordinary  ones  leading  to  higher  bowing  stresses  for  similar-sized  dislocation  sources. 
Second,  the  small  specimens  and  free  surfaces  enhance  KWL  formation  and  MK  exhaustion 
thereby  limiting  the  MK  size  distribution  and  the  ability  of  dislocations  to  multiply.  These  limit 
the  length  of  sources  at  a  given  dislocation  density  relative  to  FCC  metals.  Third,  the  nanometer 
scale  dimensions  of  the  KWL/MK  configurations  leads  to  strong  dipole  barriers  once  stresses  are 
high  enough  for  athermal  cross  slip  unlocking  (MK  fonnation)  at  the  stress  limit  of  KWL  stabil¬ 
ity. 


SUMMARY  &  CONCLUSIONS 

The  present  study  examined  the  size-dependent  strengthening  for  three  NfiAl  alloys  via  the  mi¬ 
crocrystal  compression  technique  and  the  following  attributes  were  found: 

•  Nearly  all  of  the  phenomenological  attributes  observed  for  other  materials  in  microcrystal 
form  were  also  observed  for  NfiAl  alloys,  even  though  the  basic  dislocation  mechanisms 
are  unique  for  this  intermetallic  material. 

•  The  studies  showed  that  size-dependent  strengthening  overwhelms  the  effects  of  varying 
alloy  compositions  (fault  energy  changes  and  solid-solution  effects)  and,  extends  at  least 
to  the  stress  limits  of  KWL  stability. 

•  Deformation  was  characterized  by  two  regimes:  i)  strengthening  by  dislocation  exhaus¬ 
tion  over  a  smaller  strain  range  than  for  FCC  alloys  and,  ii)  breakaway  flow.  During  ex¬ 
haustion,  only  isolated  slip  traces  form  while  during  flow  many  dislocations  readily 
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multiply  and  glide  bands  thicken  for  samples  greater  than  ~2  pm  diameter.  For  smaller 
samples,  flow  is  characterized  by  intense  shear  on  isolated  slip  trace  planes. 

•  TEM  methods  were  used  to  examine  the  defonned  crystals  both  at  the  stage  of  slip  trace 
formation  and  during  breakaway  flow.  Slip  traces  are  characterized  by  KWL,  MK  seg¬ 
ment,  ISF  loop  and  APB  tube  formation.  Breakaway  flow  includes  not  only  these  attrib¬ 
utes  but  also  high  densities  of  multi-pole  braid  fonnation. 

•  Time-series  data  were  used  to  estimate  the  lower  bound  of  dislocation  velocity  during 
slip  trace  fonnation  and  glide  band  thickening  and  yielded  the  same  result  of  -36  pm/s 
(but  at  different  stresses)  within  experimental  error.  Together  with  the  TEM  results  the 
data  indicate  that  the  dislocation  mechanisms  for  microcrystals  are  the  same  as  those  for 
macroscopic  NfiAl  alloy  crystals,  but  the  stress  ranges  for  their  operation  are  re-scaled  to 
higher  values  because  of  the  small  sample  dimensions. 

•  While  a  specific  quantitative  model  for  strengthening  and  flow  was  not  developed,  a  phe¬ 
nomenological  model  for  strengthening  by  single-ann  sources  was  shown  to  be  consistent 
with  the  exhaustion-hardening  measurements  and,  the  observation  of  intense  slip  trace 
shearing  at  small  sample  sizes  after  exhaustion  is  exceeded.  A  conceptual  mechanism  for 
dislocation  multiplication  by  cubic-plane  double  cross  slip  and  dipole  passing  at  the  stress 
limit  of  KWL  stability  was  introduced.  The  mechanism  is  a  plausible  means  for  explain¬ 
ing  glide-band  thickening  and  stair-stepped  flow  at  the  exhaustion-strengthening  limit  at 
applied  stresses  below  the  KWL  stability  limit  for  larger  microcrystals. 

We  conclude  that  the  concept  and  mechanisms  of  mean-field  dislocation-ensemble  breakdown 
remain  as  the  best  interpretation  of  microcrystal  strengthening  and  flow  responses.  This  includes 
strengthening  by  dislocation  exhaustion  mechanisms  that  are  ultimately  limited  by  achieving  a 
critical  dislocation  multiplication  stress  that  triggers  the  onset  of  flow,  sometimes  via  avalanches. 
For  NfiAl  alloys,  we  speculate  that  the  flow  stress  anomaly  mechanisms  and  strengthening  with 
increasing  temperature  are  likely  overwhelmed  by  size-dependent  strengthening  mechanisms,  as 
very  likely  are  the  orientation  dependencies,  suggesting  that  the  microcrystals  may  exhibit  a 
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normal  temperature  dependence  of  flow  stress.  Unfortunately,  such  speculations  cannot  be  in¬ 
vestigated  with  current  day  instruments. 
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TABLE  I 


Alloy 
(at  %) 

ao 

(nm) 

Primary 
slip  sys¬ 
tem 

b 

(nm) 

Schmid 

factor 

APB 

Tm 

(mJm2) 

APB 

Tool 

(mJm  2) 

Fault 

Tcsf 

(mJm  2) 

Ref. 

Ni76Af>4 

0.357 

<110>{111} 

0.505 

0.467 

176+/-27 

135+/- 18 

206+/-27 

[29] 

Ni3Al-0.25Hf 

n 

ft 

n 

185+/-20 

165+/-20 

235+/-40 

[35]* 

Ni3Al-1.0Ta 

ft 

<110>{111} 

n 

n 

237+/-30 

200+/-25 

352+/-50 

[29]+ 

^Values  interpolated  from  Fig.  12  of  reference  [35]  so  that  direct  comparisons  are  valid. 
+Values  reported  from  N.  Baluc  and  R.  Schaublin,  Philos.  Mag.  74  (1996)  p.  1 13. 
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FIGURE  CAPTIONS 


Figure  1 .  (a)  Engineering  stress-strain  curves  for  single-slip  oriented  crystals  of  binary  NpAl 
ranging  from  1-30  pm  diameter.  The  dashed  line  shows  the  nominal  shear  strain-hardening  rate 
(SHR)  for  the  largest  microcrystals  as  a  fraction  of  the  anisotropic  shear  modulus  Ks.  (b)  Com¬ 
parison  of  selected  average  engineering  stress-strain  curves  for  M3AI,  Ni3Al-0.25Hf  and  NpAl- 
l.OTa.  Sets  contain  averages  from  2-6  samples  at  each  size. 

Figure  2  Comparison  of  shear  flow  strength,  normalized  by  Ks,  the  macroscopic  crystal  shear 
flow  stress  and  the  Burgers  vector  ratio,  versus  sample  diameter  for  the  three  NpAl  alloys,  to¬ 
gether  with  average  values  for  pure  Ni  [12].  For  comparison  the  plot  also  shows  the  binary  alloy 
stress  range  for  instability  of  IKWL  (solid  red  line)  and  the  -1.0  Ta  alloy  CKWL  (solid  cyan  line) 
by  athermal  cross  slip  given  by  Caillard  and  Paidar  [22].  Also  shown  are  estimates  of  the  stress 
range  (upper  shaded  area  bounded  by  the  dashed  red  and  cyan  lines)  necessary  for  the  superpar- 
tials  to  glide  as  separated  dislocations  trailing  APB  fault. 

Figure  3.  SEM  secondary  electron  images  showing  slip  characteristics  and  overall  deformation 
geometries  for  selected  NpAl  alloy  samples,  (a)  NpAl  binary,  1  pm  diameter,  12  %  engineering 
plastic  strain;  (b)  -  (d)  Ni3Al-0.25Hf,  2,  5  and  43  pm  diameter,  respectively  and,  34.5,  16.4  and 
5.5%  engineering  plastic  strain,  respectively;  Ni3Al-1.0Ta,  0.5  and  20  pm  diameter,  respec¬ 
tively,  and  54.2  and  10.1  %  engineering  plastic  strain,  respectively.  Note  the  localization  and 
planarity  of  shear  in  (a)  and  (b).  Figure  3(c)  shows  a  glide  band  used  to  estimate  dislocation  ve¬ 
locities  discussed  in  the  text.  Figure  3(e)  shows  a  severely  deformed  sample  that  included  bend¬ 
ing  that  occurs  during  the  catastrophic  glide  burst.  The  inset  in  Fig.  3(f)  reveals  the 
homogeneous  nature  of  slip  trace  that  occurs  for  many  cases  in  the  larger  samples. 

Figure  4.  Stress-displacement  curve  (a)  and  SEM  image  (b)  of  a  10  pm  diameter  Ni3Al-0.25Hf 
microcrystal  deformed  near  to  the  end  of  the  exhaustion  regime.  The  crystal  was  unloaded  and 
slip  traces  were  examined  before  the  onset  of  the  plastic  flow  regime.  The  image  in  (b)  has  been 
digitally  enhanced  via  an  edge-finding  filter  and  levels  adjustments  to  accentuate  the  visibility  of 
the  very  fine  slip  traces.  Note  the  approximate  correspondence  between  number  of  offsets  ob- 
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served  on  the  loading  curve  and  the  number  of  slip  traces  on  the  sample.  Also  note  that  the  slip 
traces  appear  to  traverse  the  entire  sample  diameter.  This  later  finding  was  progressively  more 
evident  for  smaller  microcrystal  sizes. 

Figure  5.  (a)  Secondary  electron  SEM  image  of  a  deformed  10  pm  Ni3Al-0.25Hf  microcrystal 
showing  a  thick  glide  band  and  a  superimposed  schematic  TEM  foil  as  sectioned  parallel  to  the 
loading  axis  through  the  slip  band,  (b)  Bright-field  STEM  image  of  the  sectioned  foil;  black  and 
white  arrows  indicate  common  positions  of  a  slip  trace  and  base  of  sample,  respectively.  The  top 
portion  above  the  black  arrow  shows  a  high  dislocation  density  (p  total  >  10LVm2)  in  the  deforma¬ 
tion  slip  zone,  while  the  lower  portion  shows  a  lower  dislocation  density  (ptotai<  1012/m2)  in  the 
relatively  un-deformed  microcrystal  base. 

Figure  6.  (a)  Overall  bright-field  view  of  the  slip  plane  trace  of  a  5  pm  N13AI  binary  alloy  sam¬ 
ple  deformed  to  0.9  %  engineering  strain,  (b)  Higher  magnification  view  of  a  surface  source 
near  “S”  that  has  emitted  several  loops.  The  dislocation  loops  contain  Kear-Wilsdorf  locks 
“KWL”  and  macrokinks  “MK”  marked  on  the  figure,  (c)  Weak-beam  dark-field  image  of  the 
same  region  as  shown  in  Fig.  6b  showing  dislocations  in  contrast,  (d)  Weak-beam  dark-field  im¬ 
age  of  the  same  region  as  shown  in  Fig.  6b  showing  dislocations  out  of  contrast.  Residual  con¬ 
trast  is  from  intrinsic  stacking  fault  loops  and  APB  tubes. 

Figure  7.  (a)  Bright-field  TEM  image  of  a  5  pm  diameter  Ni3Al-0.25Hf  sample  showing  nearly 
the  entire  primary  slip  plane  extracted  from  a  thick  glide  band.  The  sample  was  deformed  to 
24.7%  total  engineering  plastic  strain.  The  dislocation  structure  shows  intrinsic  stacking  fault 
“ISF”  loops  as  dark  vertical  contrast  lines  and  dense  multi-pole  braids  “MPB”  aligned  in  near¬ 
edge  configurations,  (b)  Weak-beam  bright  field  image  of  region  marked  by  white  lines  in 
Fig.  7a  showing  the  KWL  and  MK  fine  structures  existing  together  with  the  MPB  structure. 

Figure  8.  Schematic  illustration  of  a  NpAl  microcrystal  sheared  on  a  single  slip  plane.  The  il¬ 
lustration  shows  a  dislocation  loop  extending  from  a  surface  source.  The  loop  expands  in  an  ani¬ 
sotropic  manner  as  the  screw-oriented  segments  extend  as  KW  locks  joined  by  MKs.  Loop 
expansion  involves  cross  slip  at  dimensions  comparable  to  the  core  width  of  the  dislocation 
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which  leaves  jog  debris  that  glides  with  non-screw  character  segments.  The  expansion  also  leads 
to  APB  tubes  extending  from  the  non-screw  segments. 

Figure  9.  The  predicted  yield  stress  versus  sample  diameter  for  the  N13AI  surface  cross-slip 
(SCS)  model  described  in  the  main  text  based  on  a  size-dependent  MK  height.  The  plot  shows 
the  estimated  0.2  %  offset  flow  stress  as  a  function  of  the  microcrystal  diameter  for  the  N13AI 
binary  alloy.  Data  (blue)  are  from  experiments  while  the  solid  red  line  is  for  the  model  using 
S  =  10  nm.  Also  shown  are  fine  dashed  lines  for  <5  =  5.0  and  20  nm  and,  a  long  dashed  line 
(green)  for  the  single-arm  source  model  [6].  For  the  surface  cross-slip  model  ptotai  =  5  x  lO'Vm2, 
C=  7000  corresponding  to  an  activation  enthalpy  difference  of  0.2  eV  and,  (KsBf0)1/2  =  0.0004/L 

Figure  10.  Because  of  anisotropic  elastic  interactions  and  APB  energy  anisotropy,  a  significant 
driving  force  for  cubic -plane  cross  slip  always  exists.  Once  the  KWL  instability  stress  is  ex¬ 
ceeded,  athermal  cubic-plane  double  cross  slip  may  occur  on  expanding  superdislocation  loops 
forming  dislocation  sources  as  shown  by  the  schematic  illustration.  Only  complete  superdisloca¬ 
tions  are  shown  in  the  figure  and  segments  of  the  {001}  planes  shown  are  disproportionately 
large  for  clarity.  The  spacing  Ac  represents  the  average  spacing  between  KWL  segments.  MK 
sources  are  formed  by  cubic  plane  double  cross  slip  (hatched  areas)  and  expand  on  closely 
spaced  parallel  {111}  planes.  Dipole  segments  are  formed  at  the  near  screw-character  orienta¬ 
tions  that  may  experience  superpartial  segment  annihilation  leaving  dipole  loop  debris  as  shown, 
or  fonn  interacting  superdislocation  dipoles,  dp'  and  dp  .  For  the  dipoles  to  become  sources, 
stresses  must  exceed  not  only  the  critical  stress  for  activating  MK  segments  of  length,  Imk,  but 
also  the  passing  stress  for  a  given  height,  hc,  which  must  be  smaller  than  the  complete  KWL 
height  since  KWL  segments  form  below  the  instability  stress.  Since  the  KWL  heights  are  small 
as  is  the  distance  Ac,  dislocation  interaction  stresses  at  positions  such  as  A,  B,  and  C  may  locally 
amplify  the  applied  stress  to  aide  dipole  passing. 

Figure  1 1 .  Estimates  of  critical  dipole  crossing  and  MK  expansion  heights,  hc,  and  lc  respec¬ 
tively,  as  a  function  of  shear  stress;  where  hc  =  Ksb/[%n{  1  -v)r]  and  lc  =  Ksb/r(Ks  =  68.5  GPa  and 
v  =  0.33).  Estimates  are  shown  in  comparison  to  binary  alloy  incomplete  KWL  (lower  bound) 
and  -1.0  Ta  alloy  complete  KWL  (upper  bound)  instability  stresses.  The  stress  range  that  is  typi- 
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cal  for  20  urn  diameter  samples  is  also  shown  for  comparison.  The  estimated  stresses  suggest 
that  dislocation  interactions  are  necessary  to  locally  amplify  the  applied  stress  to  attain  dipole 
defeat  for  the  larger  samples.  As  the  sample  size  decreases,  stress  amplification  by  interactions 
is  less  likely  since  the  sample  size  limits  interactions  causing  the  applied  stress  to  rise  to  achieve 
multiplication  and  plastic  flow. 

Figure  12.  Measured  dislocation  velocities  as  a  function  of  shear  stress  and  temperature  for  the 
binary  NfiAl  alloy  in  macroscopic  crystal  form.  The  velocity  was  measured  by  standard  tech¬ 
niques  that  include  pulse  loading  of  different  durations  at  different  stresses  and  consecutive  selec¬ 
tive  dislocation  etching  after  unloading  to  reveal  the  initial  and  final  positions  of  dislocations 
[53].  The  measurements  were  performed  on  the  leading  dislocations  in  groups  (arrays  or  pro¬ 
gressing  slip  lines)  sometimes  called  ‘dynamic  pile-ups’  moving  from  a  light  scratch.  The  hori¬ 
zontal  line  drawn  at  a  dislocation  velocity  of  -5  pm/s  marks  the  intersection  point  for  the 
velocity-stress  dependences  at  8 1  K  and  295  K.  This  velocity  also  corresponds  to  the  typical  on¬ 
set  of  plasticity  in  many  different  materials.  The  finding  is  an  agreement  with  the  known  tem¬ 
perature  independent  yield  stress  in  NfiAl  over  this  temperature  range.  At  the  same  time,  a 
strong  anomalous  (or  “positive”)  behavior  of  such  velocity-stress  relationships  is  observed  as 
temperature  increases,  again  in  agreement  with  the  established  temperature  dependent  of  the  yield 
stress  in  NfiAl.  The  anomalous  behavior  is  also  indicated  by  continuous  shift  of  the  v(r)  depend¬ 
ence  to  higher  slopes  (m)  at  higher  temperatures,  corresponding  to  an  increase  in  the  activation 
enthalpy  from  -0.14  eV  at  81  K  to  -1.5  eV  at  873  K. 
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Figure  lb 
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Figure  2 
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Figure  3 
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Figure  4 
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Figure  7 
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Figure  8 
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Figure  9 
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Figure  10 
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Figure  11 


1000 


100 


10 


1 


44 

Approved  for  public  release;  distribution  unlimited 


(nm) 


Velocity  (10  m/s) 


Figure  12 
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